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INTRODUCTION
The crystalline and amorphous phases are the two principal states of silicon, and the transformation 1-6 between them has attracted great attention. One route to realize the crystalline-to-amorphous transition (CAT) in Si is mechanical loading. This has relevance in practical applications; for example, an amorphous layer always forms after mechanical polishing of single crystalline Si (c-Si) wafers, causing damage that degrades the performance of integrated circuits and electronic devices. 7, 8 The CAT has also been recognized to have a role in the incipient plasticity of bulk c-Si at room temperature. 7, 9, 10 Stressinduced CAT in Si has in fact been widely observed under various mechanical loading conditions, such as indentation, 6, [10] [11] [12] [13] [14] [15] ball milling, 16, 17 scratching 2,7 and bending. 18, 19 Clarke et al. 6 firstly reported straining-induced amorphous Si (a-Si) through indentation experiments. On the basis of the sharp drop in the electric resistance measured during the loading process, they speculated that a possible path for the CAT is the transition from an intermediated highpressure crystalline phase (β-tin) to a-Si upon rapid unloading. We refer the diamond cubic Si as Si-I phase and the β-tin Si as Si-II phase. This viewpoint was further strengthened by the discontinuous loaddepth curves obtained in indentation tests. 11, 15 Subsequently, Si-II phase is frequently cited as a transition state for the CAT of Si. However, a-Si was also reported to exhibit sharp resistance change under pressure, 20 and discontinuous load-depth curves may be caused by processes other than phase transformation, for example, massive dislocation nucleation and motion and so on. 10 As such, in the absence of direct evidence, the necessity of the Si-II phase during the CAT process is uncertain, and has in fact been challenged by several research groups. 13, 14, 21 In an effort to directly observe the response of c-Si to indentation, Minor et al. 22 carried out indentation tests inside TEM. They found no phase transformation and only dislocationmediated metal-like plastic deformation. The work by Ge et al. 12 suggested that confinement is necessary for CAT in c-Si, and this was later confirmed by Chrobak et al. 10 The appropriate constrains on c-Si, for one thing, may improve the stress level in it. Theoretical calculation predicted that the critical von Mises stress to induce CAT in Si is~9.7 GPa ((9/2) 1/2 × the maximum octahedral shear stress of 4.6 GPa). 9 This magnitude can be reached easily in indentation tests. However, under indentation, the samples are usually in a complex stress state with high strain gradients, complicating subsequent quantitative analysis. Uniaxial loading, in comparison, can greatly simplify the stress condition. But the c-Si samples, even at submicron size, will fracture in a brittle manner well before the loading stress can reach the critical level needed for CAT. 23 Therefore, another crucial role of the confinement should be to suppress the premature brittle cracking in c-Si. In the following, we report the design of a novel core/shell sample configuration that applies confinement on the electron transparent samples, which enabled real-time visualization of deformation-induced CAT of c-Si under uniaxial compression inside TEM, as well as in situ monitoring of the defect accumulation mechanism responsible for the amorphization. We also use ab initio simulations to reveal the atomistic and energetics details underlying the observed amorphization upon storage of defects in the c-Si.
MATERIALS AND METHODS

Sample preparation
Boron-doped o1004-oriented single crystal Si wedge (2 μm wedge width) was chosen as the starting material. The Si wedge was initially designed to facilitate the nanoparticles compression in TEM, and more details of the Si wedge can be found in reference. 24 All the core-/shell-structured Si samples in this work were fabricated via a Helios NanoLab 600 dual-beam FIB system (FEI, Hillsboro, OR, USA) under 30 kV accelerating voltage with the beam current of Ga ions sequentially decreasing from 440 pA (coarse cutting) to 1.5 pA (fine polishing). To minimize the taper, we fabricated pillars with square cross-section via glancing cutting on the lateral surface and tilting the stage by 1.2°to compensate for the conical-shape ion beam profile upon the final thinning of both sides of the pillar. As shown in Supplementary Figure S5a , the taper angle for the as-fabricated pillar is quite small and can be ignored. Prior to mechanical loading, we took the scanning electron microscope images (Supplementary Figure S5b) for measuring the cross-section area. We also cross-checked the core-shell structures at the local scale using high-resolution TEM (HRTEM) (Supplementary Figure S9) . In particular, the c-Si/a-Si interface looks rather smooth, which ensures that the a-Si shell adheres closely to the c-Si core during deformation.
Mechanical compression and TEM measurements
In situ compression test was conducted using a Hysitron PI 95 PicoIndenter (Hysitron, Minneapolis, MN, USA) (Supplementary Figure S4) inside a JEOL 2100F TEM (200 keV; JEOL, Tokyo, Japan). The diameter of the flat diamond punch was~2 μm. The tests were all controlled under a fixed displacement rate of 2 nm s − 1 . For all the samples, engineering stress was calculated through dividing load by cross-sectional area (A) that was measured from the scanning electron microscope image of the fabricated pillars, see Supplementary Figure S5b . The effective sample size d was taken to be ffiffiffi A p . The engineering strain was defined to be the ratio of the deformation displacement of the pillar (that is, the displacement reading minus the contribution from the substrate) to its initial height (the distance between the top end and the substrate). The deformed samples were further thinned by using M1040 Nano Mill (Fischione, Bethlehem, PA, USA) for HRTEM observation. One side of each sample was milled at the 15°tilt angle (the Ar ion beam to specimen surface) for 30 min, and the other side was thinned at − 10°tilt angle for 40 min by 1 kV Ar + .
Finite element method calculation
We used a three-dimensional finite element model (Figure 1a ) to calculate the stress distribution in the core/shell structures through the commercially available software ABAQUS 6.13 (SIMULIA, Dassault, Paris, France). An eight-node linear brick, reduced integration element was used with the element size about 5 nm, consisting about 80 000 elements. The displacement in the Y-direction is constrained to the bottom surface Y = 0; the Z-direction displacement was constrained on the (X = 0, Y = 0, Z = 0) node; the X-direction displacement was constrained on the (X = 0, Y = 0, Z = 150 nm) node. The quasi-static displacement loading was used and all the calculations were made when the applied nominal external stress reached 4.5 GPa. The elastic modulus of a-Si shell (ideal elastoplastic body) and c-Si core (ideal elastic body) are assigned to be 33 and 130 GPa, respectively. The yield stress of a-Si shell and c-Si core are 4.0 and 7.6 GPa, respectively. 23 
DFT simulations
We performed DFT simulations using the Vienna Ab initio simulation package (VASP) code, 25 employing gradient-corrected functionals 26 and projector augmented-wave potentials. 27 The atomic relaxation simulations were performed at 0 K on 8 × 8 × 2 k-point grids 28 for the smaller Si models, and 2 × 2 × 2 k-point grids for the larger Si model. The employed energy cutoff of the electron wavefunction is 300 eV. The convergence of the calculations with respect to the energy cutoff and kpoint mesh are demonstrated in Supplementary Table S1 . The quantum chemistry bonding analyses were carried out using the Local Orbital Basis Suite Towards Electronic-Structure Reconstruction (LOBSTER) code, 29 
RESULTS
Design of electron transparent samples with confinement
In a previous TEM study, 23 we found that the Si pillars fabricated with focused ion beam (FIB) under 30 kV accelerating voltage always exhibit a c-Si core/a-Si shell structure. The thickness of the amorphous outer shell is always~30 nm regardless of the pillar diameter. Surprisingly, this Ga + bombardment-introduced a-Si exhibits stable plastic flow during uniaxial compression. The measured apparent elastic modulus is 30-40 GPa (Supplementary Figure S1) , which is about a quarter of the value for the c-Si counterpart. A thorough investigation of the mechanical behavior of a-Si will be reported elsewhere. Inspired by these findings, we surmise that the FIB We first carried out finite element method calculations (see details in the Materials and methods section) to examine the magnitude and distribution of the stresses in the core-/shell-structured Si pillars under global uniaxial compression loading. It was found that with the confining shell, the stress experienced by the c-Si core can be significantly higher than the nominal applied axial stress for samples with a diameter less than~200 nm. A schematic illustration of one typical example is shown in Figure 1a . The effective diameter of the c-Si core and the thickness of the a-Si shell is d c = 90 nm and t a = 30 nm, respectively. Figure 1b and c show the von Mises (σ m ) and hydrostatic (σ h ) stress distributions on the Z = 1/2 plane of the pillar upon yielding. The nominal applied uniaxial compressive stress σ = 4.5 GPa is the measured average yield stress at which the pillar starts to deviate from the elastic behavior (Supplementary Figure S2) . Note that at this point the σ m in the c-Si core reaches as high as 8.5 GPa (Figure 1b) , which is close to the predicated critical value of 9.7 GPa for CAT in Si, 9 and the σ h in the c-Si core is~3 GPa. Compared with bare c-Si pillar (Supplementary Figure S3) , the stress on the c-Si core is greatly raised, owing to the constraint imposed by the a-Si shell. As such, the CAT process would be expected to occur in the c-Si with this kind of core/shell sample.
Real-time CAT path in Si
Typical examples are shown in Figure 2 . The c-Si core and a-Si shell can be easily distinguished from the TEM bright-/dark-field images (left inset in Figure 2a and b) . The uniaxial compression experiments were carried out in TEM (see the in situ nanomechanical setup in Supplementary Figure S4 ) on two core-/shell-structured Si pillars with the same effective diameter d = 152 nm (Supplementary Figure S5) . The almost overlapping engineering stress-strain curves (Figure 2a) indicate that the two samples experienced identical structural evolution. Both samples experienced extensive and very smooth plastic flow without cracking. As it is not feasible to catch both dark-field images and selected area diffraction patterns simultaneously in one sample, we recorded the real-space evolution in sample-1, and the reciprocal-space evolution in sample-2. The snapshots that correspond to global strain ε = 0, 12, 20 and 24% are shown in Figure 2b and c. The first selected area diffraction pattern indicated that the c-Si core before loading (ε = 0%) was clearly a diamond cubic Si-I phase. Dislocation slip was observed after the onset of yielding, and the slip bands, marked by the orange dashed lines in Figure 2b , were oriented at an angle of~54°w ith respect to the (001) surface, indicating that they were aligned on the {111} glide planes. These slip bands originated from the loading front and developed toward the undeformed region with increasing strain. The diffraction spots from the crossed slip band network were elongated, which stems from the high-density defects in this region (Figure 2b, ε = 12%) . As the compression proceeded further (for example, Figure 2b , ε = 20%), the yellow-boxed region with heavy plastic deformation transformed to an amorphous phase, as evidenced by its diffraction pattern. Afterwards, the increasing plastic strain in the deformed part of the sample should mainly come from the plastic flow of this newly formed a-Si phase. The 'mushroom' shape of the compressed pillar (ε = 24%) resembles the compressed pure a-Si pillar (Supplementary Figure S1) , and their selected area diffraction patterns are also identical. The undeformed (bottom) part of the pillar still exhibits the crystalline-like contrast. Clearly, the CAT in c-Si is driven by plastic deformation. The in situ selected area diffraction patterns (and Supplementary Movie 1) unambiguously demonstrate that there were no other phase transformations, for example, Si-I → Si-II, during the entire loading and unloading process. Instead, crystalline Si-I directly transforms into a-Si, driven by slip-mediated plastic deformation. For more details see Supplementary Movie 1.
HRTEM characterization of the CAT process
The details in the CAT process were further elucidated via HRTEM characterization. Four core-/shell-structured Si pillars, similar to those discussed above, were fabricated and compressed to obtain different levels of plastic strain, ε p = 1, 5, 18 and 25%. The corresponding engineering stress-strain curves are shown in Figure 3a . The compressed pillars were further thinned to~100 nm in a NanoMill (Fischione) using low-energy Ar + for HRTEM experiments. We selected a typical region from each of the four compressed pillars Figure S6 ). Many slip bands appeared upon small plastic deformation (Figure 3b) , and fast Fourier transform image (the inset) illustrates the existence of high-density defects along {111} planes in these bands. A zoom-in view clearly shows that the slip bands contain stacking faults (SFs) and dislocations (Figure 3c , indicated by the white box in Figure 3b) . Therefore, the incipient plasticity was carried out by partial or full dislocations 31 rather than the CAT. The planar defects are presumably created by the high von Mises stress, and stored in the c-Si. As ε p increased to 5%, some domains in or near the SFs became blurred in the HRTEM images (marked by the yellow arrows in Figure 3d ), indicating the onset of amorphization. Upon further straining, these amorphous domains expanded and formed directional 'amorphous pockets' along the [111] direction, as shown in Figure 3e ; (ε p = 18%). Some crystal streaks with clear Si-I structural feature still remained, and were separated in space by the 'amorphous pockets', resulting in many c-Si/a-Si interfaces. At the stage of ε p = 25% (Figure 3f) , almost all the crystalline parts got amorphized, as the expanding amorphous pockets expand to impinge on one another, eventually forming amorphous-amorphous interfaces (AAIs). 32 The resultant [111] orig. crystal -inclined amorphous-amorphous interfaces are indicated by the white parallel dashed lines, which is an indicator of deformation induced CAT. During the whole CAT process, there are no other intermediate crystalline phases, demonstrating a direct phase transition from the original Si-I phase to the amorphous phase.
To recapitulate, we have demonstrated that under compression loading, a direct CAT takes place due to the accumulation of plastic strain and profuse SFs. The next step is to understand the deformation-induced CAT process at the atomic and electronic scale. To this end, DFT simulations are used next to gain further insight into the energetics and atomic-scale details of the SFs formation, storage and the ensuing amorphization.
DFT simulations of the CAT process at the atomic scale In diamond cubic Si, the atomic planes follow the stacking pattern of -AABBCC-along the [111] direction, where A, B and C corresponds to the (0, 0), (1/3, 2/3) and (2/3, 1/3) positions of the (111) plane (see the parallelogram with the lattice parameter a hex = 3.84 Å in Supplementary Figure S7 ). The Si model is also shown in Figure 4a , showing -AABBCCAABBCC-stacking. First, we model the pairwise stacking faults, giving -AABBAABBCCBB-, shown in Figure 4b , where a CC pair is removed, but a BB pair is added. The insertion or elimination of a pairwise layers are termed as intrinsic or extrinsic SF in Si. 33 The energy elevation is quite small, only~6.4 meV/atom, in line with previous theoretical calculations. 33, 34 The small energy difference can be understood from the bonding configuration, that is, the number of tetrahedral bonds per atom remains unchanged. By performing quantum chemistry bonding analysis using the crystal orbital overlap population (COOP) 29, 35 method, we have quantified the bonding contributions (blue curves in Figure 4) . The favorable bonding (positive values) and unfavorable antibonding (negative values) interactions between the two models differ only slightly, in particular near the Fermi level, E F . This suggests that a high population of SFs can be present in c-Si without severe lattice distortions. Upon further mechanical deformation, more SFs are generated and accumulated, and the single-layer SFs (SSFs) may appear: the middle atomic layer changes to the third position with respect to the adjacent 
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Y-C Wang et al two layers, for example, from AAB to ACB. In Figure 4c , we present a model with a sequence -AABBCABCABCC-. In this case, the energy hikes markedly to~300 meV/atom, and the bonding situation changes substantially, that is, strong antibonding interaction appears near E F (indicated by the black arrow), suggesting that the system is now unstable and needs to reconfigure its geometry. Then we created a 4 × 4 supercell (Figure 4d ) based on this model and relaxed the whole structure. Clearly, the region with SSFs turns disordered, see Figure 4e , which reduces the energy down to~140 meV per atom. Apparently, the defect-ridden state is high in energy, but fails to return to the c-Si state due to kinetic limitations. Instead, it falls into an amorphous basin on the complex energy landscape. If there is only one SSF locally, the system could go back to the original Si upon structural relaxation. By loading two more SSFs in the obtained geometry, the system gets further disordered upon atomic relaxation, as shown in Figure 4f . The dynamic process is shown in Supplementary Movie 2. With such a sequential storage of SFs, the crystal is increasingly destabilized and eventually collapses into a fully amorphous phase. The DFT simulations thus depict a very plausible path for the CAT observed in our experiments.
DISCUSSION
To further solidify our understanding of the deformation-induced CAT, we cross-checked our results with respect to two important factors, that is, effects from electron-beam irradiation and unloading strain rate. After imaging the positions of the sample and the flat diamond loading punch in the TEM, the e-beam was blocked off with the condenser lens aperture. The subsequently compressed pillar gave similar CAT configurations as those observed under e-beam, see Supplementary Figure S8 . This suggests that the intensity and the exposure time of electron beam used in our TEM experiments would not have a role in the observed CAT. We also performed several additional compression measurements employing different unloading strain rate, ranging from 10 − 3 s − 1 to 10 − 1 s − 1 . The results showed (e) Upon atomic relaxation at 0 K, the stacking faults region becomes significantly disordered. (f) Two more single-layer stacking faults near the disordered region were created manually and the model was relaxed again. The resulting structure is partially amorphized.
Deformation-induced CAT in silicon Y-C Wang et al that the CAT process is independent of unloading rate, which differs from those reported in indention experiments, 11, 12 suggesting a more controllable way to produce a-Si. Our observation is different from that found in high-pressure experiments on c-Si, [36] [37] [38] where Si-I transforms to Si-II, or to many other crystalline forms, rather than to amorphous phase under high hydrostatic pressure. The absence of a-Si there indicates that plastic deformation is a more effective route to CAT in Si. In our core/shell sample, the stress is such that the von Mises stress (~8.5 GPa) is much bigger than the hydrostatic pressure (~3 GPa). In this case, c-Si is prone to shear plastic strain rather than the volumetric strain during deformation. 10 The high von Mises stress then triggers the profuse formation of SFs along the {111} glide planes, the accumulation of pairwise stacking faults and possible appearance of very unfavorable SSFs in the confined volume, and eventually leads to amorphization. Note that the a-Si/c-Si interface (amorphous-crystalline interface, see Supplementary Figure S7 for its detailed structure) may lower the energy cost for SF formation, but it is not a prerequisite for CAT. This is supported by the HRTEM images showing that the amorphous pockets are often uncorrelated (Figure 3) , and some amorphous domains emerge in the interior of pure c-Si regions. In addition, from our DFT simulations, CAT can occur in the absence of amorphouscrystalline interface (Figure 4) . We also note that the deformationinduced a-Si is obtained from directional SFs and hence exhibit visible texture-like stripes. The 'trailing' feature in the corresponding fast Fourier transform (Figure 3f) indicates that although the atomic structure is randomized in one direction, a periodic modulation of atomic density persists in the [111] direction, which is quite different from the uniform a-Si (Supplementary Figure S1) .
The CAT mechanism revealed here should not be limited to nanoscale objects, but can take place in bulk Si locally, if similar defect accumulation occurs in a constrained volume, leading to strong antibonding interactions and collapse into the amorphous phase. This is partially confirmed in a very recent paper by Zhao et al., 21 in which defect accumulation induced amorphization was observed locally in bulk c-Si under dynamic shock compression, resulting in a complex distribution of a-Si.
It is worth mentioning that such process has also long been believed to be due to the gradual accumulation of defects that elevates the energy of the crystal to above that of the amorphous state in metallic alloys. 39, 40 Our current study provides direct evidence of this mechanism, through in situ observation of the CAT process from its beginning (pristine crystal) all the way to the end (collapse into the amorphous phase).
CONCLUDING REMARKS
In summary, we have designed a novel and effective c-Si/a-Si core/ shell sample configuration, which enabled a real-time and real-space observation of the deformation induced CAT process. The malleable a-Si shell helped to inhibit brittle fracture, and provided the confinement to significantly raise the stress level and extend the plastic flow in the c-Si core. Our in situ TEM compression experiment unambiguously demonstrated a direct amorphization process from the single crystalline diamond cubic Si phase. No other intermediate crystalline phases were observed. This, together with the DFT simulations, settles the question as to how and why CAT develops in c-Si upon extensive plastic deformation. Our experimental protocol also opens up the possibility for in situ investigation of plastic deformation and deformation-induced amorphization in other brittle solids.
